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ABSTRACT: Threshold fracture energy, G, is reported for several lightly cross-linked PDMS networks.
The average length between chemical junctions, {., characterized with statistical theory, is much greater than
the average length between entanglement points, {,, for PDMS in each network. Data indicate that the
dependence of Gy on {. for lightly cross-linked networks is much weaker than the classic form, /2. We
discuss two alternative limiting expressions for G, based on the role of trapped entanglements on the fracture

mechanisms.

Introduction

Fracture resistance in polymeric materials is generally
attributed to two major mechanisms that absorb or
dissipate energy as cracks advance through the system of
polymer chains. A primary contribution stems from the
energy required to extend polymer chains, or some
subsection of the chains, to the point of rupture.l2 The
energy requirement for this chain-breaking mechanism
contains two terms: (1) extensional energy is needed to
deform the chain to a fully extended configuration and (2)
each of the main-chain bonds along this fully extended
chain will store its rupture energy (or dissociation energy)
before the chain breaks. The contribution of the rupture
energy is generally the dominant term to the total energy
dissipated. In this fracture mechanism, chains that lie in
the fracture plane are successively ruptured as the crack
advances through the material.

A second, very important contribution to fracture
resistance stems from viscous dissipation. Viscoelastic
loss associated with chain deformation in regions around
the crack tip is a primary mechanism of fracture resistance
in polymers.3® The contribution of this process depends
on crack velocity and temperature and often follows simple
superposition schemes.6® Dissipation is also attributed
to a pulling, or “suction”, of chains from the surrounding
polymer matrix across the fracture plane.® Thisisadirect
process of dissipation, generally confined to the fracture
plane.

The relative contribution of these mechanisms of
fracture resistance depends on the time scale of the fracture
process.l® This time scale is defined by the crack velocity.
Minimization of viscoelastic loss and suction energy is
expected at high velocity (low temperature) in glasses or
at very low rates (high temperature) for systems with an
equilibrium structure, i.e., polymer networks. At finite
rates, viscoelastic processes and chain suction will augment
the fracture resistance of the polymer system.

In this paper, we center on the chain-breaking mech-
anism of fracture in lightly cross-linked polymer networks.
Such networks contain relatively long elastically active
chains; the average spacing between chemical junctions in
the network, ¢, is many times longer than the average
spacing between entanglement loci, {. ({. and ¢, are
defined as the average number of main-chain steps between
respective interaction points.) Networks are randomly
cross-linked, and every primary chain has a large number
of contacts with monomers that belong to neighboring
chains. In this case, a mean-field theory can be used to
characterize the average size of network structures.!! Here,
we use the statistical theory of Pearson and Graessley!?
to calculate the size of elastically active chemical chains
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in several lightly cross-linked polymer networks.

The chain-breaking mechanism of fracture in networks
involves only the elastically active structures contained in
the network. Network imperfections completely relax to
the rest state for sufficiently long time scales (i.e.,
sufficiently slow crack velocity). Fracture under these
conditions is commensurate with the threshold fracture
energy, Go. The classic form of the Lake-Thomas! theory
predicts that Gy ~ {.!/2 for a perfect network with {, <
{e. This theory correctly describes the threshold fracture
energy of networks when {; < {.. However, for a lightly
cross-linked network with ¢, > {,, we previously showed
that the effective chain length for threshold fracture
correlates with (.13 This suggests that G, depends on
trapped entanglements in some fashion and will not
increase without bound as {.!/2. Here, we present exper-
imental data on the chemical spacing dependence of Gj.
We extend the analysis to several networks with differing
cross-link densities but maintain the condition {; > (..
We also give several simple theoretical forms for threshold
fracture energy that are derived for model situations. These
results are discussed and compared with experimental
data.

Experimental Materials and Methods

The materials and methods used in this study are reported in
ref 13. A brief account of the experimental program is given
here.

Poly(dimethylsiloxane) (PDMS) samples from Dow Corning
Corp. were used as received. From gel permeation chromatog-
raphy, M, = 592 000 and M, = 400 000. Pure shear specimens
were molded with PDMS according to methods described
previously; various amounts of bisperoxide [1,4-bis(2-tert-bu-
tylperoxyisopropyl)benzene] were used to cross-link the networks.

The measured sol fraction and primary molecular weight
distribution were used with results from Pearson and Graess-
ley’s12 statistical calculations to characterize the average lengths
of structural features in the networks. The average chemical
spacing, {., the average length of dangling chain ends, {4, and the
density of elastically active chemical chains, »., are given in Table
I. As expected, increasing the amount of cross-linking agent
produces smaller chemical spacing and greater elastically active
chain density.

Mechanical characterization of the networks was performed
with linear viscoelastic measurements on a Rheometrics mechan-
ical spectrometer Model RMS-800. Dynamic mechanical data
were collected with parallel plates, 25 mm in diameter. An In-
stron servohydraulic Model 1350 was used to measure stress-
relaxation data at moderate strains for each network. Samples
were strained in pure shear up to A = 1.5, Data were fit with the
Thirion and Chasset!4 equation, and stress at ¢ = 1058 was used
to construct “equilibrium” stress—strain curves. Strain energy
density, Wy, was found from the area under these curves.
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Table I
network bisperoxide, % s a X 108 e X 10718 $e Vend X 10719 $ond
SXOP3 0.3 0.114 0.445 0.156 3960 0.186 4220
SXOP5 0.5 0.123 0.428 0.144 4140 0.180 4400
SX1P0 1.0 0.106 0.462 0.169 3800 0.191 4040
SX1P2 1.2 0.048 0.679 0.340 2560 0.234 2720
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Figure 1. Fracture energy, G, vs crack velocity, 4, for network S

SXOP3. T =24 °C.

Fracture experiments were performed on the pure shear
specimens. A notch was formed on one end and a step strain was
subsequently applied. Cracklength, measured in the undeformed
state, was measured as a function of time. Cracklength generally
increased linearly with time, as required by the Rivlin-Thomas?
analysis of notched pure shear specimens. The fracture energy,
G, was calculated with eq 1,

Go = Woho 6))

where ho is the undeformed specimen height. Equation 1
represents an energy balance on the notched pure shear specimen
for an incremental change of crack surface area. We assume that
a volume of material, equal to Aohy, transfers to the completely
relaxed state (from Wy to W = 0) as the crack advances and
creates new surface area, Ao (referred to the undeformed sample
dimensions).

Experimental Results

Network Characterization. Calculation of the av-
erage chemical spacing, {, for each of the PDMS networks
was performed with Pearson and Graessley’s!? statistical
theory. The distribution of primary-chain molecular
weight was assumed to follow the Schulz distribution.
Results of the characterization are given in Table I.
Networks are identified by the weight percent of bisper-
oxide used to cross-link the network.

Asexpected, the average chemical spacing increases with
decreasing cross-link density (i.e., decreasing fraction of
cross-linked monomer units, «). From viscoelastic char-
acterization of PDMS, ¢, is approximately 270 main-chain
steps. Comparing {, with the values for {. in Table I, we
conclude that the chemical spacing for these networks is
from 10 to 15 times longer than {,. We also note that the
elastically active chain density is roughly equal to the
dangling chain end density. Thelength of elastically active
chains and dangling ends is also comparable. However,
the effects of the dangling ends on our measurements are
minimized at long times for PDMS. For perspective, the
longest Rouse time for an entangled subchain is approx-
imately 107 s at room temperature.

Fracture Energy. Thefracture energy, G, of a polymer
network generally varies with crack velocity. This de-
pendence is attributed to the rate dependence of the
dissipation mechanismsavailable tothe network. InFigure

Figure2. Threshold fracture energy, Gy, vs the elastically active
chemical chain spacing, {.. Symbols correspond todata measured
by the following work: Mazich, et al. (®), Gent and Tobias!® (a),
Yanyo and Kelley!® (m).

1, we present sample data of G vs crack velocity, a, for
network SXOP3. This network contains rather long
network imperfections (e.g., dangling ends) that dissipate
energy over much of the time scale shown in Figure 1.
Results for the other networks showed similar qualitative
behavior. However, the rate of increase of G with a was
greater for networks with longer imperfections and greater
sol fraction.

As @ — 0, a plateau value for G is observed in the data.
Viscoelastic dissipation is minimized at these velocities,
and the time scale of the fracture event now surpasses the
time scales of relaxation for the various network imper-
fections. Several data points are also plotted along the G
axis. These points represent experiments in which the
notch did not advance for a period of at least 3 days. The
value of G on the graph corresponds to the applied strain
energy in these experiments. These data points correlate
with the plateau region defined by the results at finite
velocity and suggest that the plateau truly represents a
limiting value for G. We conclude that the plateau in
Figure 1 provides a good measurement of the threshold
fracture energy, G.

From similar plots of G vs @, we determined G, for each
of the lightly cross-linked networks. In Figure 2, Gy is
plotted vs the chemical spacing, ¢, for each network. The
range of {. shown in the figure extends well beyond {, ~
270 main-chain steps. Data reported by Gent and To-
bias!®* and Yanyo and Kelley!® are also plotted for
comparison. Their data were collected for end-linked
networks, where the chemical spacing is well-known. Gent
and Tobias!® used their data to verify the {;'/2dependence
for Gy predicted by the classic Lake-Thomas theory.! As
shown in Figure 2, this result is applicable for {. ~ {.. (A
solid line that represents the {.!/2 dependence is shown in
Figure 2.) Our data at high ¢ clearly show that this
dependence no longer holds for lightly cross-linked net-
works when {; > {.. This result supports the conclusion
that trapped entanglements play an important role in
threshold fracture of lightly cross-linked networks. Some
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form other than {.!/2 is required to model data in this
range of chemical spacing.

We should note that the data presented in Figure 2
correspond to network systems with a single (average) value
for {. and a characteristic value for {,. Gent and Tobias!’
prepared systems where two networks with different values
of {, were interlinked with each other at a common
interface. The bonding strength of the interface was
provided by loops of one network entangled with the other.
The strength of these samples under threshold conditions
depends on the local concentration of each chain type at
the fracture plane and on the values of {. for the respective
networks. Such interlinked networks provide interesting
combinations of the parameters (effective chain crossings
of the fracture plane, effective chain length for fracture)
that are used to estimate the threshold fracture energy in
the discussion below.

Discussion

In the threshold fracture energy of a polymer network,
the chain-breaking mechanism is the only means of fracture
resistance. Data suggest that the effective chain length
involved in this mechanism depends on the relative lengths
of the chemical chain and trapped entangled chain. Here,
we derive some expressions for Go based on several simple
assumptions of the network structure. These assumptions
yield analytical forms for Gg that can be compared with
experimental data.

Theories for chain-breaking fracture energy® generally
count the number of effective chains per unit area, £*, and
multiply by the rupture energy per effective chain, U*

G, = E*U* )

Extensional energy can be neglected since this contribution
is small.’® The rupture energy, U*, depends linearly on
the effective chain length, £*, since each bond in the
effective chain is strained to rupture before the chain
breaks. The effective chain crossings per unit area are
proportional to vegl, where v is the effective chain density
and [ is a characteristic length of the system in the un-
deformed state. For Gaussian chains, | ~ {1/2,

Typically, vesr is written as vegs ~ 1/{*.118 Thisisstrictly
correct only if every chain in the network has length {*
and is elastically active. When * = {, < {, these
assumptions give the classic form of the Lake-Thomas
theory,! Gy ~ {.!/2. This describes a “perfect” network
that approximates the systems studied by Gent and To-
bias.!® Asdiscussed above, this function correctly models
Gowhen {, < {, but fails as {, surpasses other characteristic
dimensions of the system such as {.. Note that the
assumption that every chain is elastically active is not
essential for the Lake-Thomas form.! Corrections for
imperfections are generally small for these “tightly” cross-
linked networks, and the {.!/2 dependence also models
data for imperfect networks, e.g., randomly cross-linked
networks.

Lake and Thomas! also considered the contribution of
entanglements to the total effective chain density in their
original paper. Now, v is written as the sum of the
chemical chain density, v, and the entanglement chain
density, v,. This theory, as developed and tested by
Ahagon and Gent,!® gives the following form:

1, 1732
G. ~ [.... + ~] 1- 3
0 g.c g.e ( Y {c) ( )
Several assumptions regarding the network structure are

implicit in this derivation: (1) Trapped entangled chains
aresubsets of elastically active chemical chains, so writing
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Figure 3. Proposed chain scission through entangled networks.
E = trapped entanglement loci and C = chemical cross-links. (A)
The first entangled subchain is ruptured, and the remaining chain
ends retract across the fracture plane. (B) Each entangled sub-
chain is ruptured in the fracture plane.

vest = V¢ + v counts too many active chains per unit volume.
(2) ver contains the Flory correction for chain ends based
on the chemical spacing; sol fraction is neglected. (3) The
length scales / and {* are written assuming all chemical
and entangled chains are active.

Go calculated with eq 3 was compared with the exper-
imental data. Good agreement is found around {, = {; in
fact, eq 3 reduces to {.1/2 when ¢, < {,. However, the
predicted dependence of Gy on {; is too strong at high .
Moreover, we expect (i — 0 as {. — « since this condition
stipulates a polymer melt, whereas eq 3 gives a nonvan-
ishing Gy as {{ — =.

New expressions for Gy can be derived explicitly for
networks with {; > {, by considering trapped entangled
chains as the effective chains in threshold fracture. This
sets {* equal to {,. We calculate the effective number of
chains that cross unit area by assuming that all chemical
chains are elastically active and have length ¢.. This
assumption also corresponds to a perfect network, but
now the chemical chains are much longer than {,. Two
potential situations for chain breaking are related to this
model network, as shown in Figure 3. In the first situation
(Figure 3A), we claim that several trapped entangled sub-
chains that belong to a given chemical chain will cross the
fracture plane. Once the first entangled subchain is
severed, the remaining entangled chains along that given
elastically active chemical chain are rendered inactive.
The dangling ends that result in this case retract back
acrossthe fracture plane (depicted by the arrows in Figure
3A) and do not contribute to chain-breaking fracture. This
implies that the time scale of the fracture process is really
long enough to allow the retraction. Under these as-
sumptions, we simply count chemical chains for »e and
[, but {* = {,. Since all chains are equivalent, ve ~ 1/{;
and

Gy~ ¢/ 52 (4)

The limiting forms of this expression reduce to correct
relationships for Gy, i.e., Go— 0 as {, — = for a melt; when
{e = ey Go ~ /2, which is equivalent to the Lake—Thomas
form at {,. The broken curve in Figure 2 represents the
result for this model. Equation 4 is fit to the data at ¢
= 1000 and ¢, = 4000. The scatter in the data and the
small number of data points do not allow careful evaluation.
But given the assumptions used in the model (which do
not strictly correspond to the experimental networks),
agreement is rather good.

A final assumption yields an interesting form for G,.
We use the same picture given above but now assume that
the entangled subchains that remain after the first is
severed do not retract across the fracture plane. Rather,
they are also ruptured as the crack advances through the
network (Figure 3B). This mechanism does not strictly
comply with fracture at infinitely slow rates (threshold
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fracture). However, when the first entangled subchain
breaks, the tip of the crack is immediately defined by the
next chain in the fracture plane. This next chain might
correspond to a second, third, etc., entangled subchain
along the same chemical chain. In this case, all entangled
subchains that cross the fracture plane must be included
in the counting process. Now, we multiply the single-
chain case (eq 4) by the number of fracture plane crossings
of the chemical chain. The chemical chain contains {./{.
entangled steps, and each is assumed to be Gaussian. Thus,
the projection of the random chain on the fracture plane
gives ({o/{»)V/? intersections, and

1/2
Gy~ (é'-_:) % =, (5)

This is essentially the result for an entangled polymer
glass.!® G is independent of {,, and all entangled chains
are considered active. Thisform for Gois alsoareasonable
approximation to the existing experimental data shown
in Figure 2, as it would correspond to a horizontal line in
this plot.

Summary

Experimental data for lightly cross-linked networks
containing relatively long elastically active chemical chains
clearly indicate that the {,1/2 dependence for Gy fails for
such networks. The {. dependence appears to become
much weaker for {, > {. Considerations of trapped
entangled chains are necessary to explain the observations.

Several theoretical expressions are discussed. Each of
them accounts for the energy needed to rupture a set of
effective chains that cross the fracture plane. Simple
assumptions were used to count the number of chains that
cross the fracture plane and obtain limiting forms for Go.
In particular, we give two new expressions for a lightly
cross-linked perfect network. Inone case, entangled sub-
chains are explicitly assumed to account for effective
chains, and only one entanglement needs to be ruptured
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for each elastically active chain. This assumption gives
Go ~ {o/ 12 Inasecond case, the crack tip immediately
proceeds to the next elastically active subchain. Therefore,
additional entangled chains along each elastically active
chemical chain contribute to fracture resistance. Then,
Go ~ ¢.!/2 this is essentially the result for entangled
polymer glass. The scatter in the limited data cannot
distinguish these models.
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